The exact mechanism of creep resistance enhancement due to yttrium (Y) doping in a-alumina is still subject to speculation, although it is known that dopants segregate strongly to grain boundaries. The current work applies atomistic simulation techniques to the study of segregation to a reasonable number of interfaces in Y-doped a-alumina. Y is shown to segregate stronger to surfaces than grain boundaries and to form ordered structures at the interfaces, which may decrease diffusion coefficients. These Y-ordered regions may act as nucleation sites for YAG precipitates particularly for rapid sintering techniques.
I. Introduction
Y TTRIUM (Y) dopants added to a-alumina (a-Al 2 O 3 ) enhance the creep resistance at high temperatures, 1,2 making it a common dopant in laboratory and industrial applications. The underlying atomic scale mechanisms are, however, still speculated upon, the following literature review showing possible explanations for this so-called Y effect. It is well known that Y strongly segregates to a-alumina surfaces and that its solubility in the bulk is very limited (B10 atomic ppm). 3, 4 Imaging-SIMS confirmed Y dopants in a-alumina ceramics to be located mainly at grain boundaries and free surfaces in pores. 5 The creep resistance was shown to be dependent on the Y dopant concentration until the a-alumina phase is saturated and precipitation of yttrium-aluminum-garnet particles (YAG, Y 3 Al 5 O 12 ) occurs. 2 Energy dispersive X-ray spectrometry (EDX) 6, 7 and X-ray adsorption fine structure (EXAFS) 8 studies have shown the Y grain-boundary concentration to increase with increasing bulk concentration up to a supersaturation of 5-9 Y/nm 2 . Following the precipitation of YAG particles, the Y grain-boundary concentration decreases to an equilibrium concentration of 3-7 Y/nm 2 . Further addition of Y only increases the number of YAG particles without affecting the creep resistance. This indicates that the creep resistance of a-alumina is increased by Y dopants in solid solution rather than by the presence of YAG particles.
The microstructure was shown to be almost unaffected by the presence of Y in solid solution. The fraction of special grain boundaries, i.e., coincidence site lattice (CSL) and near-CSL grain boundaries, does not change significantly with the presence of Y dopants (o5% for both Y-doped and pure a-alumina). 9 Also the Y dopants in solid solution do not seem to limit grain growth and the grains remain equiaxed, 6, 7 however, the densification is retarded. 10 There seem to be many grain boundaries parallel to the (00.1) or the (01.2) plane of one of the adjacent half-crystals 6, 11, 12 which has also been observed for an Mg, Ti codoped a-alumina. 13 As microstructure modification does not seem to be the reason behind creep suppression, recent research has focused on the interaction of Y ions with grain boundaries and dislocations. Several authors used X-ray absorption near edge structure and EXAFS to obtain additional information about the atomic environment of Y ions segregated to grain boundaries. 8, 14, 15 At low concentrations the Y ions take positions in the grain-boundary core whereas with increasing Y concentration a near boundary layer is formed and the structures relax to O-Y distances similar to those found in Y 2 O 3 reflecting the lower bond strength for Y-O as compared with Al-O. 8 These measurements characterize the global properties of a material with many different grain boundaries and are thus not easy to correlate with other studies investigating isolated and often special bicrystal grain boundaries by methods such as high-resolution transmission electron microscopy (HRTEM), high-angle annular dark field transmission electron microscopy, 16, 17 and electron energy loss spectroscopy (EELS). The studies of isolated grain boundaries show that the Y concentration varies from grain boundary to grain boundary and sometimes even along one and the same grain boundary. The change in bonding environment found by EELS 18, 19 and confirmed by quantum mechanical cluster calculations 20, 21 is assumed to contribute to the creep reducing effect by influencing the transport properties in the segregated layer close to the grain boundary.
As twin boundaries are readily accessible to computer simulations, a large variety of boundary types has been investigated using atomistic simulation methods based on empirical pair potentials [22] [23] [24] [25] [26] [27] as well as electronic structure methods. 16, [27] [28] [29] [30] [31] The pristine boundaries investigated were for the most part special boundaries, however, some cases with S values up to 39 can be considered as general grain boundaries. The structures found in these theoretical studies correlated well with experimental HRTEM investigations 29 as did the grain-boundary energies when compared with thermal grooving experiments. 32 The role of Y dopant ions and their segregation has been investigated by classical 23, 33 as well as density functional theory methods. [34] [35] [36] [37] All authors agree on the fact that the Y dopant atoms segregate toward grain boundaries. In classical simulations the S13 (10.4) boundary exhibited the lowest driving force for segregation with 0.71 eV for the first ion and 0.87 eV for the second ion, suggesting an interaction between the dopant ions. 23 The ab initio approach 34 gives segregation energies between 1 and 3 eV for a single Y ion in a S7 (10.2) boundary depending on the location of the dopant in the structure. Segregation toward the S3 (10.0) and S13 (10.4) boundaries was investigated as well, the latter being considered near general, finding segregation energies of 1.01 and 2.3 eV per Y ion, respectively. 35 Segregation of the second ion was found to be more favorable for the S3 and S7 boundaries, whereas for the S13 case the synergetic interaction between dopants was not observed. Further research showed that the favorable interaction between Y ions only takes place upon structural relaxation, resulting in a gain of about 0.3 eV per dopant ion pair. 36 G. S. Rohrer-contributing editor Electronic structure methods are generally assumed to be more precise, however, at a much higher computational cost and limited by the number of atoms which can be treated. This very often leads to extremely small simulation cells, where the interaction between periodic images of boundaries and dopant ions in the structure is probably not negligible. The potential-based method was shown to qualitatively give the same results as the more expensive density functional theory approach even if the energies and structures showed slight variations. 16, 27 Potentialbased methods therefore still have a merit compared with the socalled ''state-of-the-art'' simulation methods, when it comes to looking at larger cells and more structures. If the results obtained with empirical potentials can be validated against ab initio methods for some structures, potential-based methods can therefore be used to bridge the gap between the highly precise but small-scale ab initio methods and experimental investigations of real grain boundaries in ceramic materials.
The cited ab initio studies showed a highly specific segregation behavior for each interface, making it necessary to calculate a large range of interfaces in order to get the general trend as it would be observed in a ceramic material. This goal is pursued in the context of the current work where a large number of Y-doped a-alumina interfaces, surfaces as well as grain boundaries, have been studied by means of energy minimization based on classical empirical potentials. The study of a large number of interfaces-some having big interface areas and thus many atoms-over a wide range of doping concentrations is, at least at the present time, not possible with first principle methods. The method applied in the present work may therefore be able to bridge the gap between the characterization of isolated grain boundaries and experimental observations on a material with a statistical distribution of different grain boundaries.
II. Experimental Procedure
Calculations were made with the METADISE code, 38 which implements an energy minimization technique based on classical potential models, describing the potential energy using relatively simple analytical functions of the relative atomic positions. The potential set employed in this work 39 is a simple pair potential expressing the interaction (V ij ) between two atoms of a certain type (atoms i and j) as a function of the distance (r ij ) between those two atoms. It takes into account coulombic (first term in Eq. (1)) and both repulsive and attractive short-range contributions (second and third term of Eq. (1), respectively).
where q is the charge of the respective ion and A ij , r ij , and C ij are constants fitted to experimental data such as the lattice and elastic constants. Polarizability of the oxygen ion is taken into account by a core-shell model as described by Dick and Overhauser, 40 in which an ion is split into a core and a massless shell, carrying together the net charge of the ion. The core (c) and the shell (s) are held together by a harmonic spring potential (V cs ) as given in the following equation:
where r cs is the distance between the core and the shell and k cs is a constant determining the core-shell separation in a given electric field and thus the resulting dipole moment. The interactions coming from surrounding atoms are applied on the shell. This potential approach has been validated for segregation to surfaces in a-Al 2 O 3 41 as well as more recently to the isostructural hematite. 42 The total energy of the system is calculated by summing the interactions between all pairs of atoms up to a cutoff radius of 15 Å .
A potential set is a relatively simple description of atomic interactions as opposed to ab initio methods, which calculate the interactions via approximate solutions to the quantum mechanical Schro¨dinger equation and can thus account for changes in the bonding character; however, with consequence of much longer calculation times. Wilson et al. 43 have shown that simple shell models can favor the stability of Al 2 O 3 phases other than a. It is therefore important to validate the equilibrium bulk structure predicted by the potential model by comparison with known experimental values as given in Table I . The match is fair, however, far from perfect. The elastic constants are systematically overestimated whereas the dielectric constants are underestimated, these slight variations may be attributable to the fact that the calculated properties are considered without a thermal contribution and not at ambient temperature as for the measured properties. A slight shrinkage along the c-axis is observed, the lattice energy, however, matches very well. The model thus seems to produce the a-phase reasonably well, however, not as accurately as ab initio or quadrupolar potential models. The employed potential model, however, was found to work well in under-coordinated environments where other models 44 showed anomalous relaxations. Another important point to note is that the multipole moments are known to play an important role in highly symmetrical systems, whereas for low symmetry systems the dipolar approximation is sufficient. 45, 46 As grain boundaries are not of high symmetry, their atomic structures should be reproduced with reasonable accuracy by shell models.
Energy minimization is a method adapting the atomic coordinates to iteratively converge toward the atomic configuration with minimum total energy. A preminimization of 10 conjugate gradient steps has been applied followed by the NewtonRaphson method until convergence. Depending on the initial atomic positions this method is always at risk to find local minima, thus often several initial configurations have to be tested in order to increase the chances of finding a physically meaningful minimum. Energy minimization cannot describe temperature effects or entropic contributions as other methods such as molecular dynamics simulations do.
In order to describe an interface separating two otherwise infinite half-crystals, periodic boundary conditions have been applied in the interface plane only. Along the direction normal to the interface the structure has been divided in two regions, atoms in the region adjacent to the interface were allowed to relax to their minimum energy position whereas atom in the region further away from the interface were fixed at their perfect single crystal positions. The depth of the surface region is chosen for complete relaxation of the surface to be possible without restriction due to the fixed region (! 16.2 Å ). Complete relaxation also has to be ensured when dopants are inserted at the maximum simulated depth. The bulk region has to be deep enough to make long-range coulombic interaction between its ) and those Predicted by the Model As it can be seen the properties are reasonably well reproduced. Moreover this potential model was found to reproduce under-coordinated environments such as surfaces and grain boundaries without anomalous relaxations.
top and bottom atoms negligible (! 80 Å ). This model is valid for grain sizes where an unperturbed bulk structure exists at the core. For the simulation of nanomaterials, where interfaces interact with one another, the rigid zone could be reduced and a second surface layer added at the opposite side-however, the surface region depth would most likely have to be increased as well. All simulated grain boundaries were mirror twin and consequently CSL grain boundaries, although high grain-boundary energies and high S values indicate an almost general character for some boundaries. For surfaces as well as grain boundaries several nonpolar cuts at different depths along the same surface normal have been calculated, the final structure corresponding to the termination with the lowest energy. For grain boundaries the optimal rigid shift in the grain-boundary plane has been determined by moving the two adjoining half-crystals in a grid-like fashion in steps of 0.2 Å with respect to each other and performing an energy minimization for each grid point. The structure of the grain boundary corresponds to the relative position of the two half crystals having a minimum energy.
Once the structure of the pristine interface had been calculated, more and more aluminum ions have been substituted by Y ions. For each interface concentration several initial positions of the Y atoms have been considered-the exact number is highly dependent on surface structure and concentration ranging from 1 (when all surface atoms are replaced) to over 50 possibilities for the larger grain boundaries. The interface energy g has been calculated as given in Eq. (3), where E interf is the energy of the doped interface, E bulk the energy of the same number of atoms (N Al , N O , and N Y ) in the bulk and A interf the area of the simulated interface. The interface energy can also be expressed as a function of the free energy change when cleaving the undoped crystal ðDG interf;GY¼0 Þand the formation energy of N Y substitutional Y defects at the interface ðDE interf defect;Y Þ and in the bulk ðDE bulk defect;Y Þ respectively. As the first part of the expression is equivalent to the undoped interface energy ðg GY¼0 Þ and the difference in formation energies is the driving force for segregation (DH seg,Y ) the surface energy can be written as a function of these readily accessible quantities and the interfacial dopant concentration (G Y ).
The bulk defect formation energy has been calculated with the CASCADE 47 code using a Mott-Littleton method, 48 which calculates the energy of an isolated dopant in an infinite bulk crystal. This is a good approximation for the low bulk concentrations studied, where dopant-dopant interactions are likely to be negligible. Equilibrium crystal morphologies for these surface energies could then be determined by the classic Wulff-construction 49 technique. For comparison with bulk concentrations the surface cationic ratio x s (Eq. (4)) can be defined, which is dependent on the considered interface depth (d interf ), making it necessary to take into account this value when comparing the values of x s :
The Y/Al ratios in bulk and interface (x b and x s ) can be linked, after Mackrodt and Tasker, 50 with the help of the following equation:
where R is the ideal gas constant, T is the temperature in Kelvin, and DH seg 5 E Y,interf -E Y,bulk is the heat of segregation, the contribution of the vibrational entropy being neglected. If experimental measurements of x s /x b are compared with theoretically calculated values of e À DHseg RT the factor C(x s , T) can be empirically estimated for a given dopant concentration and temperature. The C factor incorporates the contribution of configurational entropy and the change in enthalpy of segregation as a function of surface coverage.
Another interesting quantity is the interface concentration in equilibrium with YAG second phase particles G Y,eq . Owing to the equilibrium condition, this concentration is found where the energy of an Y atom at the interface is equivalent to its energy in the YAG phase 51 as given in the following equation:
In order to characterize the atomic structure at the interface, coordination numbers (CN) have been determined by counting the number of atoms within a cutoff radius 16 .2) boundary the current model agrees with the ab initio calculations 30 on the fact that the ''vacancy terminated'' interface plane with a lateral translation of a half-cell perpendicular to the image plane (½ 12:0direction) yields the lowest interfacial energy. Upon visual inspection the structures (Fig. 1 ) are found to be nearly equivalent to the ones shown in the cited references. As the authors kindly provided us with atomic coordinates for the S3 (10.0) and S7 (01.2) grain boundaries a quantitative comparison with these structures was possible. The current coordinate set has been translated in space so that the mean Dx, Dy, and Dz calculated over all atoms in the boundary core were zero. This method results in an approximate overlap, for which the differences can be analyzed. As can be seen from the results in Table II , the differences are on average smaller than 0.2 Å . These relatively large numbers can be explained by the fact that as discussed above the potentials result in a dilatation of the structure along the c-axis, which is well reflected in the Dz differences for the S3 boundary. In fact the maximal Dx and Dy differences are extremely small showing that the potentials reproduce the structure well except along the dilated direction.
Furthermore the comparison showed a slight underestimation of some of the Al-O bond lengths by the potential method, which will also contribute to a small but systematic difference.
In one instance direct comparison with experimental HRTEM results was possible: Richter and Ru¨hle observed broken mirror symmetry at the S11 (10.1) interface viewed along the [10.2] direction. They related this to a relative shift by one half-cell of one half-crystal with respect to the other 53 which is consistent with the present calculations. Visual inspection (Fig. 2) confirms the very good agreement of the structure reported by Richter and Ru¨hle and the present results.
The resulting structures thus seem to be well represented when compared with higher precision theoretical methods as well as experiment, placing the present method in between these two techniques although a validation for more cases would be desirable. Owing to its capacity to calculate a relatively high number of different grain boundaries, the method applied in the present work can serve to create a link between the highly accurate but also computationally expensive first principle methods and a grain-boundary population as observed by experiment in a ceramic microstructure.
(B) Interface Depth: Figure 3 shows DH seg for single Y 31 ions as a function of depth from the interface plane, the heat of segregation being of the same order as reported previously. 23, 34, 35 The most favorable Y atom positions seem to be within 3 Å of the surfaces (Fig. 3(a) ) and grain boundaries (Fig. 3(b) ). Consequently the depth of the interface was chosen to be 3 Å for surfaces (d surf ) and 6 Å for grain boundaries (d GB ). There seems to be a trend of narrower Y segregation layers for low energy interfaces such as (01.2) and (00.1) surfaces or the S7 (01.2) grain boundary. The calculated depth of the interface d interf seems to be consistent with the width (3-6 Å 17 and
) of the structurally distorted region of grain boundaries in Y-doped a-alumina observed by HRTEM. Oversized Y ions (ionic radius of Y 31 0.90 Å compared with Al 31 0.54 Å ) are likely to be found in the structurally distorted region as take up is facilitated due to the less dense structure as well as better strain relaxation as was observed by HRTEM. The calculated values are thus reasonable and most likely the interface depth of B20 Å evaluated by chemical composition profiles 54 is too large due to the spatial resolution of the employed techniques (EDX and EELS). Consequently x s values experimentally determined by these techniques might be too low (cf. Eq. (4)).
(C) Minimum Segregation Energy: The variation in enthalpy of solution as a function of the dopant concentration is reported for the examples of the (11.0) surface (Fig. 4(a) ) and the S13 (11.3) grain boundary (Fig. 4(b) ). As for most concentrations there is a configuration with a considerably lower energy, it has been assumed that most Y ions adopt this most favorable arrangement and segregation and solution energies depend solely on the energy of that configuration. It is interesting that the enthalpy of solution of the Y ions does not continuously increase with increasing Y concentration for either the surface or the grain boundary (Fig. 4) . For many interfaces the energy decreases with increasing concentration until a value G E min is reached for which the enthalpy of solution of the Y ions is minimal. The values of G E min are reported in Table III for  surfaces and in Table IV for grain boundaries. Many of the structures corresponding to a G E min concentration are very particular, the Y ions forming geometric patterns at the interface by replacing an entire Al column or forming a diagonal pattern (Fig. 5) . The coordination numbers and mean atom-atom distances for the most pronounced minima are listed in Table V . In most cases the Y atoms are positioned equidistantly and coordination numbers seem to be similar or even identical for all Y ions. The formation of Y columns at a S31 pure tilt grain boundary has been observed previously by Buban et al. 16 and Mackrodt and Tasker 50 found an energy minimum in the segregation energy curve of a (10.2) surface. However, a connection between energy minima and the formation of dopant patterns generated by Y ordering has not been reported by either group. One possibility put forward by Mackrodt and Tasker is the formation of an interface layer with second phase-like properties. The coordination numbers and mean atom-atom distances of such a layer would supposedly be similar to that of a second phase. Therefore the structural characteristics of the most pronounced minima have been compared with possible second phases (Y 2 O 3 and YAG). There is, however, no striking correspondence. Namely Y-Y distances are much too large for any possible second phase (Table V) , including Y 4 Al 2 O 9 : 3.728 Å and YAlO 3 : 3.722 Å . 8 It seems therefore that the observed ordering is caused by the structure of the particular interface rather than by the formation of a second phase-like layer.
Whatever the cause, the negative slope at the left of the curves in Fig. 4 indicates a positive interaction of Y ions at low interface concentrations as already observed by Exner and Finnis 23 as well as Elsa¨sser and Elsa¨sser, 36 the magnitude of the observed interaction agreeing well with the change of 0.2 eV per pair reported by the latter. At these concentrations, an inhomogeneous interface concentration caused by the clustering of the Y ions, might be possible and has also been experimentally observed. 8, 17 Most authors, however, report no variation of Y concentration The maximum offset and the standard deviation of the offset along the Cartesian axes in the system is given (Dx, Dy, and Dz) as well as the minimum, maximum, average, and standard deviation of the total offset. All values are in Å . along a single grain boundary, indicating that the described behavior might be limited to a few surfaces and special grain boundaries. A reason for this could be that clustering will be counteracted by entropy and will depend on the slope, i.e., the magnitude of the positive Y-Y interactions, which may be higher in special grain boundaries. Another explanation could be that most experimental measurements are carried out at Y saturation and as the clustering behavior is limited to Y interface concentrations lower than G Emin it might only be detectable at lower Y concentration.
The formation of Y columns or lines might also have an influence on the diffusion at the interface. For a cation-vacancy to pass the Y-ordered region the ordering has either to be disrupted or circumvented by a path leading away from the interface both likely to increase the associated energy barrier. Diffusion would thus not be affected parallel to the Y lines, but in particular cation diffusion is likely to be slowed in the perpendicular direction, leading to anisotropic diffusion in the interface. One of the proposed creep mechanisms is interface diffusion, 2, 33 and consequently the creep resistance of Y-doped a-alumina might be enhanced by the formation of Y ordering at the interfaces, giving one possible explanation of the so-called Y effect.
(D) Equilibrium Interface Concentrations: The equilibrium interface concentration G eq was calculated to be 0-6.64 Y/ nm 2 for surfaces (Table III) and 0-5.19 Y/nm 2 for grain boundaries (Table IV) . G eq,GB values reported in literature 7, 8 vary between 3 and 6 Y/nm 2 . The solubility seems to be highly dependent on the orientation of the interface. In general high energy interfaces seem to be able to accommodate more Y and the solubility is higher for surfaces than for grain boundaries. The dependence of the Y solubility on the orientation of the interface has been reported by several authors 6, 11, 12 with Y concentrations of 0-6 Y/nm 2 for the different grain boundaries. Most of these measurements observed general grain boundaries with the exception of the HRTEM work by Gemming et al. 17 which focused on mirror twin bicrystals, among them a S3 (10.0) bicrystal where no Y was detected. Again this is consistent with current simulation results (Table IV) where three grain boundaries are predicted not to accommodate any Y. Analysis of a specimen with random interfaces showed S3 (00.1) twins as well as S7 (01.2) twins; however, no Y was detected on either of these interfaces. 6 This is not entirely consistent with the present results which indicate that Y ions are likely to segregate to S3 (00.1) but not to S7 (01.2) boundaries. However, the authors themselves state that there was strong evidence that the studied S3 (00.1) were formed by deformation and that it was therefore likely that the segregation process was not completed as diffusion processes involved were too slow.
The calculated mean G eq values are considerably lower than experimental results, 7, 8 which is to be expected as more than half of the simulated interfaces are highly special, low energy interfaces whereas in alumina microstructures o5% of the interfaces were shown to be special. 6, 9 As low energy interfaces do not accommodate Y ions as readily, the calculated G eq mean values are likely to underestimate the concentration of dopants found at general grain boundaries in a sintered ceramic.
During sintering most surfaces are transformed into grain boundaries, which followed by grain growth reduces the specific interface area by more than half. As G eq is much higher for surfaces than for grain boundaries, the nominal solubility of Y in the powder is much higher than the one in the sintered material. Inverse segregation involving diffusion of Y ions away from the interfaces and into the bulk is necessary if grain-boundary supersaturation levels leading to precipitation are to be avoided. As this process needs time extreme care has to be taken in controlling sintering speed and dopant concentration if YAG precipitation during sintering is to be avoided especially for rapid sintering by techniques such as spark plasma sintering.
(E) Coordination Number: The Y-O coordination number (CN) and the mean Y-O distance have been calculated for a material in equilibrium with YAG precipitates (G eq ) and for a material with a bulk Y concentration of 10 ppm at a temperature of 16001C. For surfaces CN varies between 3.00 and 5.82 and Y-O distances vary between 2.00 and 2.37 Å (Table III) whereas for grain boundaries CN varies between 6.51 and 7.49 and Y-O distances vary between 2.30 and 2.40 Å (Table IV) , reflecting the undercoordinated environment at the surface leading to an increased bond-strength and as a result smaller Y-O distances.
On one hand, the Y-O coordination number and distance for surfaces are consistent with EXAFS measurements (CN (Table V) indicating considerable structural distortions. Even for the highly ordered S3 (00.1) interface, the standard deviation is 0.253 Å which is large compared with the calculated value of 0.070 Å in bulk alumina. A smaller variation is observed from interface to interface. Consequently, the EXAFS measurements on a whole a-alumina sample are the result of a mixture of Y-O distances with a comparatively high variance, making the EXAFS features less distinct and underestimating the coordination numbers as mentioned previously. 15 Moreover because the powders used for surface measurements 8 were exposed to ambient air, surface hydroxylation is likely 52 which will change the chemical environment of the Y ions allowing only limited comparison between calculated and experimental results.
An energy loss near edge structure study showed some of the Y ions to have a noncentrosymmetric environment indicating that at least a fraction of the Y ions have nearest-neighbor oxygen atoms arranged in a tetrahedral configuration. 15 The current calculations did not reveal a tendency of oxygen ions to adopt a tetrahedral configuration around Y ions as the preferred Y-O coordination number seems to be seven as was also reported previously. 16 The exact position of the seven oxygen atoms seems to be strongly dependent on the grain-boundary structure (cf. Fig. 5 ).
(2) Energies of Y-Doped Interfaces
In the present article the factor C(x s , T) taking into account the concentration dependence of the heat of segregation (cf. Eq. (5)) has been evaluated by fitting to available experimental data. Considering a bulk concentration of 10 ppm an average C(x s , T) could be determined by fitting x s h i ¼ Cðx s ; TÞx b e ÀDH=ðRTÞ to experimentally measured x s values reported for the same bulk concentration.
3 C(x s , T) does not seem to vary much in the studied temperature range and a fairly good agreement between experimental and calculated values can be obtained for C 5 1.004 Â 10 À5 for the entire temperature range (16001-18001C, Fig. 6 ).
Even if this method gives acceptable results, there are several points to bear in mind: first of all the calculated C factor is an average over different surfaces. The effective C factors may vary from surface to surface and are generally higher for low energy surfaces, having low Y concentrations, than for higher energy surfaces. Secondly the surfaces calculated in the present work represent only a subset of all possible surfaces likely to appear in experiment. Another point is that the experimental x s values used for fitting take into account a surface segregation layer d surf Table III 10 ppm Y, 16001C G e n e r a l Also given is the gain in interfacial energy ( ). Although the experimental data seems to support our results, YAG precipitation was observed at 10 ppm and temperatures above 19001C. 3 Last but not least, Eq. (4) assumes all configurations of Y ions at the interface to have the same energy and therefore to be adopted with the same probability. This is evidently not the case as illustrated in Fig. 4 and consequently entropic contributions are likely to lead to lower interface concentrations than predicted by Eq. (4). These limitations lead to the desire for a more fundamental approach, which to some degree take into account the effect of entropy. An approach is currently being developed and will be presented in a separate article.
With the value of C determined above (1.004 Â 10
À5
) the interface energies of a-alumina with a bulk concentration of 10 ppm Y at a temperature of 16001C have been determined. The calculated surface energies are listed in Table III . For pristine surfaces the energies lie between 2.62 and 3.48 J/m 2 and between 2.01 and 2.99 J/m 2 for doped surfaces. The faces of the calculated undoped equilibrium morphology are the same as the faces found in experimental equilibrium morphologies 55 with two exceptions: firstly the calculated equilibrium shape has small (22.3) surfaces, which were not experimentally observed, and secondly the (10.1) surfaces of the experimental equilibrium morphology have been replaced by (10.0) surfaces in the calculated results. Comparing the relative surface energies obtained in this work with the experimental references it is striking that the (00.1) surface is predicted to be very unstable, only the (10.0) surface having an even higher surface energy. 55 Other data, however, predict the (00.1) basal plane to be the most stable within the set of surfaces treated in that study. 56 This second result is compatible with the current findings, the surface energies matching reasonably well. The discrepancy in the results may come from the impurity content in the alumina samples, the simulations being carried out for 100% pure alumina.
The influence of Y segregation on surface energies is considerable as can be seen from the mean surface energy change from 3.13 to 2.55 J/m 2 upon introduction of 10 ppm Y in the bulk. Because, as seen above, higher energy surfaces are more favorable to Y segregation the equilibrium morphology changes significantly (Fig. 7) . It has to be noted that the actual equilibrium morphology of a Y-doped a-alumina might be slightly different from Fig. 7(b) as the number of studied surfaces may be insufficient for a completely reliable prediction.
The calculated grain-boundary energies are listed in Table IV . The energies lie between 0.27 and 2.95 J/m 2 for pristine grain boundaries and between 0.27 and 2.54 J/m 2 for Y-doped interfaces. The grain-boundary energy for the S3 (00.1) and S7 (01.2) can be compared with previous calculations. The basal twin lies in between the energies of 1.9 (ab initio) and 3.91 J/m 2 (empirical) reported by Marinopoulos et al. 28 whereas for the S7 (01.2) the current study gives a lower energy than the 0.63 J/m 2 previously reported by ab initio methods. 30 The present results agree with the general trend that basal twins have a considerably higher surface energy than rhombohedral (01.2) twin. One aspect not taken into account in the present work is the formation of intrinsic, such as Schottky defects at the grain boundary, which may contribute to a lowering of the interfacial energies. The influence of Y dopants on grain-boundary energies seems to be less important than on surface energies. The mean interface energy changes from 1.94 to 1.69 J/m 2 upon doping with 10 ppm Y at 16001C.
In order to be able to estimate the influence of Y dopants on the sintering behavior, the energy difference between two separate surfaces and the corresponding grain boundary (Dg) has been calculated which can be assumed to be the driving force for sintering. The mean value of Dg is 4.35 J/m 2 for pure and 3.56 J/m 2 for Ydoped a-alumina. The total influence of the presence of Y ions on As a comparison the same numbers are given for pure yttrium oxide and yttrium-aluminum-garnet (YAG).
the interface energies of sintered a-alumina might be estimated by a mean energy value weighted by Dg as given in the following equation:
This will slightly over-emphasize the influence of Y as grainboundary formation is not free but geometrically restricted depending on the relative position of the initial grains as well as on Dg. The change due to Y doping is, however, not pronounced, the weighted mean value changing only from 1.79 to 1.47 J/m 2 . This is consistent with the fact that the addition of Y does not have a considerable influence on the orientation of grain boundaries 9 nor does it effectively inhibit grain growth. 6, 7 The mean value of Dg, however, changes from 4.35 to 3.56 J/m 2 . Together with a possible inhibition of diffusion parallel to the interfaces, due to the fact that Y ions enhance the cation-oxygen coordination at the grain boundaries 16 and may form barrier-like patterns, this gives a possible explanation for the retardation of the sintering process in presence Y dopant ions as observed experimentally. 10, 57 
IV. Conclusions
The aim of the current work was to create a link between ab initio studies of isolated grain boundaries and experimental results obtained with a material containing a statistical population of interfaces. This has been attempted by using energy minimization techniques to look at eight different crystallographic surfaces and seven mirror twin grain boundaries. The most important findings are that at low Y concentrations interactions seem to exist between segregated Y ions on some interfaces, which lead to the formation of patterns due to Y ordering. These patterns may result in lower diffusion coefficients parallel to the interfaces, as they would have to be disrupted or contoured by diffusion processes both of which will be more energetic than undisturbed diffusion. The reduced diffusion coefficients could be one reason why Y doping reduces creep in alumina.
Surfaces seem to be able to accommodate more Y than grain boundaries. During sintering the conversion of surfaces to grain boundaries together with the reduction of the specific surface area is therefore prone to lead to YAG precipitation, especially if the sintering speed is too high to allow inverse segregation. The Y-O bond lengths at the interfaces are shown to be very variable which explains why EXAFS techniques are prone to underestimate Y-O coordination numbers in a-alumina. It has also been determined that segregation of Y ions might have an important influence on the surface energies and thus on the equilibrium morphology of a-alumina, the changes being especially marked at concentrations lower than saturation.
These overall findings, although on a limited number of low energy surfaces and grain boundaries, illustrate the potential of using energy minimization techniques to help in our understanding of interfacial phenomena at the atomistic level in ceramic materials. The calculation of a relatively high number of surfaces and grain boundaries allows getting an estimate of the segregation behavior in presence of a population of interfaces as would be observed in a powder or ceramic. Moreover the data developed here can be used to build microstructural models, which will then allow making the step toward describing not only segregation toward isolated grain boundaries but segregation within a ceramic microstructure. 
